Introduction
This research program has had two major areas of focus that are related: (1) alloy corrosion and (2) the role of selective dissolution in the stress corrosion cracking of alloy systems. These interrelated issues were examined using model systems such as Ag-Au and Cu-Au by conventional electrochemical techniques, in situ scanning tunneling microscopy (STM), in situ small angle neutron scattering (SANS), ultrahigh speed digital photography of fracture events, and computer simulations. The STM and SANS work were specifically aimed at addressing a "roughening" transition known to occur in alloy systems undergoing corrosion at electrochemical potentials greater than the so-called "critical potential". Analytical models of de-alloying processes including the roughening transition were developed that specifically include curvature effects that are important in alloy corrosion processes. Stress-corrosion experiments were performed on the same model systems using rapid optical and electrochemical techniques on 50 pm -250 pn thick sheets and small diameter wires. The magnitude of the individual single-shot brittle events was examined as a function of various controlling parameters including the dealloyed layer thickness, electrolyte, and alloy composition. The primary goal of this work was to develop a fundamental understanding of the corrosion and electrochemistry of alloys and the stress-corrosion cracking processes these alloys undergo. Computer simulations and analytical work identified sup3cace stress and an important parameter in environmentally assisted fracture. The major results of our research on this program since the summer of 1993 are briefly summarized below.
Curvature effects in allov dissolution
We developed a thermodynamic and kinetic analysis using a "mean-field" approach that accounts for curvature effects in alloy dissolution [l]. The phenomenon of the critical potential for macroscopic selective dissolution was analyzed in terms of a surface roughening transition. This transition results from a competition between curvature dependent dissolution and surface diffusion. The following expression for the critical potential as a function of alloy composition was developed [ 11:
32n2Ns Ds vcrit =4-( -+-nq sin'-'[ a", (&J] nqa 2 -p Here Vcrit. is the critical potential, y is the solidelectrolyte interfacial free energy, L 2 is the mean atomic volume of the binary alloy, n is the number of electrons transferred in the dissolution process, q is the elementary charge, a is the nearest neighbor distance in the alloy, p is the atom fraction of the more-noble constituent (Au in the example below), kB is Boltzmann's constant, T is the absolute temperature, N, is the number of atoms per unit area, Ds is the surface diffusivity and J, is the atom flux corresponding to the exchange current density. Table I .
The experimental results were fit to the expression for the critical potential using two adjustable constants; constant 1 determines ' y, and constant 2 determines the ratio D,J,". Table I shows the results for these parameters as a function of the Ag' concentration in the electrolyte. We were able to determine Ds (see Table I ) by using some known data [3] for the exchange current density at Ag' concentrations of M and lo-* M. The values of y and Ds in Table I are consistent with those obtained from other measurements of Ds [4] and first principles calculations of yfor Au( 11 1) surfaces [5] . These experimental results provide an important validation of the critical potential analysis.
De-alloying below the critical potential Conventionally, the critical potential represents the potential marking the onset of bulk dealloying. The current density below the critical potential is only weakly dependent on potential and the physical processes responsible for this passive -like behavior have been poorly understood. In situ STM [6] was used to study the nature of the surface morphology which develops at potentials less than the critical potential. At fixed potential, the time dependent evolution of the surface morphology was correlated with the observed current decay. This allowed us to identify and model the physical processes that control the current decay. We found two general regimes of power -law behavior in the current decay which corresponded to exhaustion of an activation controlled dissolution process ( t -1 ) and the operation of one of three mechanisms of surface mass transport control ( t -518 , t -1' 2 , and t -114 ). Potential pulsing experiments were performed in order to examine the effect of a "blocking" noble -metal layer on the nucleation and growth of the porous structure associated with bulk de-alloying. These results were analyzed using a Johnson -Mehl -Avrami analysis. The Avrami exponents found were fractional and in the range of 1.25 -1.8. The fractional exponents were interpreted in terms of the fractal dimension characterizing the initial stages of porosity formation during bulk de-alloying .
Allov dissolution and underpotential deposition
We used in situ STM to study de-alloying of Ag from "dilute" (Ag concentrations c 20 at %) AgAu alloys in order to determine the voltage required to strip monolayer levels of Ag clusters from the alloy surface [7] . During our measurements we noted that in this composition regime the stripping of Ag from the surface had many similarities to stripping of an underpotentially deposited (upd) monolayer of Ag on Au. In particular, upd and stripping is directly associated with the manner in which the electrochemical activity of one component is affected by the presence of atoms of the other component. We examined the upd and stripping behavior of Ag in 1M HClO4 on both pure Au and Ag-Au alloy electrodes. These experiments [7] were the first that we know of where upd behavior on alloy substrates was examined. Ag-Au electrodes were prepared using thin film techniques. The results characterizing the electrode behavior roughly fall into the category of either Au-like or Ag-like and this behavior parallels the known dissolution behavior of Ag from Ag-Au alloys. The break in the alloy dissolution behavior occurs at roughly 65 at% Ag and the break in the upd behavior occurred at 30 at% Ag. This quantitative difference was expected since on average a Ag atom in the superficial upd overlayer is coordinated differently with respect to neighbor identity than a Ag atom on the surface of the alloy.
Surface morphology evolution
We examined various aspects of Ag/Au( 11 1) upd process, with the additional aim of developing a better understanding of kinetic processes controlling the dynamic evolution of a surface undergoing dissolution or growth. We performed experiments [8] and computer simulations [9]. In the experiments, we examined the electrochemical growth of Ag on Au (1 11) [8] . These results were compared to surface evolution growth models [7] . In situ STM was also used to observe the morphological details of the transition from layer-by-layer growth to 3-dimensional island growth during the potentiostatic deposition of Ag onto Au (1 11) substrates in 0.1 M HClO4 + 10-M Ag+ . Island growth began after the completion of 2 close-packed Ag monolayers that formed so-called wetting layers. Immediately following the completion of the 2nd monolayer, nucleation and growth of 3D islands were observed. The 3D or Stranski-Krastinov growth began when 2Dnuclei for the incipient 3rd ad-layer reached a critical size of order 20 -50 nm. Our observations and analysis [8] suggest that this growth mode transition was kinetically controlled by ad-atom migration over descending steps. We examined these Schwoebel barrier issues using computer simulations [ 101.
In situ Small Angle Neutron Scattering (SANS)
We used S A N S to investigate the morphological evolution of a silver gold alloy undergoing bulk de-alloying [ 11 , 121. The experiments were performed at the Cold Neutron Research Facility at NIST in Gaithersburg, MD. The behavior of Ago.,Au o,2 alloy foils, 250 pm thick, was examined in a special electrochemical cell designed for the SANS experiments. This was the first time that an in situ investigation employing S A N S has been used to follow the evolution of corrosion morphology. Figure 2 which shows the data for the scattering intensity vs. wave vector indicates the emergence of a well defined peak indicative of the length scale associated with the bi-continuous morphology of the corroded structure. We used a model developed by Berk [ 131 for scattering in random bi-continuous structures to interpret our data and generate representative images of the corrosion morphology as it evolved in time as shown in Figure 3 . Using this data we have were able to determine the distribution of the ligament size of the porous gold morphology as a function of time. Figure 4 shows that ambient temperature coarsening of the de-alloyed morphology followed t'I4 kinetics. Figure 2 . In-situ scattering data ofAg,+u,,, in 1 M HC10, + 1 mM Ag' at 700 and 450 mV vs. AgfAg".. A very broad peak with weak intensity was observed after 18.7 hours of dealloying at 700 mV. After 18.7 hrs. of dealloying at 700 mV, the applied potential was changed to 450 mV (below the critical potential). 
Stress-corrosion cracking tSCC)
The primary objectives of this portion of our research are summarized below:
Measurement of the crack penetration depth (during rapid brittle crack propagation) as a function of the de-alloyed layer thickness.
Relating the de-alloyed layer pore size distribution as a function of de-alloying potential and aging time to the film induced fracture process. Examine the possibility that film-induced intergranular separation (intergranular SCC) results from selective anodic grain boundary dissolution.
Experimental work on de-alloyed layer induced brittle fracture was performed using the so-called "single shot" method. Here a small diameter alloy wire or thin alloy sheet of order 100 pm (diameter or thickness) is de-alloyed to a prescribed layer thickness. The layer thickness is estimated from the accumulated charge density during the de-alloying process. Following dealloying the sample is rapidly strained (at strain rates -10) and the fracture mode and layer thickness was determined by scanning electron microscopy (SEM).
Single shot SCC tests were performed on Ag -Au alloys in the form of 50 jun -250 jun diameter wires and sheets (thickness) in perchloric acid electrolytes [ 14,151. These tests were done using a solenoid actuated tensile machine specially constructed for this purpose. De-alloyed layers were grown to thicknesses ranging from 150 nm to 50 jun at a potential above the critical potential and then the potential was reduced to a value below the critical potential where no significant corrosion occurs. Samples were rapidly fractured and immediately removed from the electrochemical cell and rinsed with purified water. The tests demonstrated that a 150 nm de-alloyed layer produced a 10 p brittle fracture. Furthermore, the extent of the brittle fracture event scaled approximately linearly with the film thickness for films up to -3 jun in thickness. We observed that a de-alloyed layer 3 jun in thickness could induce 100% brittle intergranular fracture across a 250 p diameter wire. There was no film-induced brittle fracture observed for films of greater than -3 pm in thickness owing to the time required to grow these thicker layers. Figures 5 and 6 show typical results for intergranular brittle crack penetration distance as a function of the de-alloyed layer thickness for Ag-Au samples de-alloyed at the indicated potentials. The FICDuctile line is drawn with a slope of 1 strictly defining the boundary between a film-induced cracking and a fracture event that stops at the fildsubstrate interface. The slope, m, of the other line in these figures, was used as a measure of susceptibility to the film-induced brittle fracture event for the prescribed de-alloying condition. Increasing m corresponded to a higher degree of susceptibility. The growth time associated with thick (> -3 pm) layers allowed for ambient temperature coarsening of the de-alloyed microstructure and this resulted in a ductile de-alloyed layer which did not trigger brittle cracking. In these cases the fracture was arrested at the de-alloyed layerhbstrate interface. Even in the case of a thin (< -3pm) de-alloyed layer, we found that the ability of the layer to trigger a brittle event could be reversed by going to an open circuit condition, and allowing the bi-continous dealloyed structure (at fixed layer thickness) to coarsen. This result was in agreement with previous work on the brittle-ductile transition in porous gold [16] and the S A N S results described above.
High-speed optical techniques were used to determine the instantaneous crack velocity in these single shot experiments. This portion of the work was done in collaboration with R.C. Newman's group at Manchester [17] . An Imacon ultra high speed imaging system was used for this work. The results showed that the instantaneous crack velocity in the film-induced cleavage experiments was at least -2 m.d.
Special experiments were conducted to determine the extent of preferential grain boundary dissolution in Ag-Au alloys that are susceptible to SCC [ 151. While this can be performed by simple SEM examination of cross-sections of samples, there is always the concern that the extent of corrosion penetration down a boundary may not be resolved using this technique. Instead, we used an electrochemical technique. A two compartment cell was used to de-alloy one side of an alloy sheet while on the back-side the solution was 18.1 MQ doubly-distilled and de-ionized water. The first compartment was filled with 1 .O M HClO4, and this side of the foil was polarized to a potential greater than the critical potential. The solution conductivity in the rear compartment was continuously monitored using an AC technique [15] . When the specimen perforates due to selective dissolution the conductivity in this compartment necessarily rises. By noting the amount of charge passes prior to the rise in conductivity, the difference between the calculated thickness of the dealloyed layer and the actual depth of penetration was determined. This difference was a di- rect measure of the amount of preferential grain boundary attack. The system was sensitive to changes in conductance of order 2 x10-8 S , which for our electrochemical system corresponded to -1.6 ppb change in solution concentration. As shown in Figure 7 , (which represents the most severe grain-boundary attack we observed) the results are plotted as the solution conductance versus the calculated film thickness. The dealloyed layer thickness, calculated from the accumulated charge, required to perforate a 60 pm thick Ago-,Auo,, sheet was found to be 21 pn. The actual dealloying was -3 times deeper than that calculated assuming a uniform planar front. From measurements of this sort we concluded that grain-boundary penetration rates are at most a factor of three times the average de-alloying rate assuming a planar front. This result taken together with the observation that the ability of the layer to trigger a brittle event could be reversed provides strong evidence for the existence of a purely mechanical component of cracking in the SCC process.
Surface Stress Effects on Dislocation Nucleation Processes
Recently Rice [ 181 introduced a new formalism for dislocation emission from a crack tip based on the Peierls model of a dislocation in a crystalline solid. He defined a new solid state parameter, y , , , equal to the work per unit area required for the bulk block-on-block sliding process of slip. Rice termed this new parameter the unstable stacking energy. The model developed by Rice is an exact analysis for dislocation emission for a crack loaded in mode II. In his original paper, Rice also examined the situation for dislocation emission from a mode I crack, however, this analysis was not exact. In this analysis, he defined an effective mode 11 stress intensity equal to KI;ff=KIcos2(t/2) sin(t/2), where t was the angle between a crack and slip plane. Rice assumed that emission would occur in mode I when this effective value of mode 11 equaled the critical K value at emission under pure mode 11 loading. This analysis did not include the energy associated with ledge creation, which may need to be accounted for if the nucleated dislocation has a component of its Burgers vector perpendicular to the crack plane. Sieradzki and Cammarata [19] suggested that a proper thermodynamic approach to the issue associated with dislocation emission at a crack surface would involve the excess work per unit area associated with elastic stretching of the crack tip surface during the dislocation nucleation event. The effects of surface stress on intrinsic crack tip emission processes were examined using Molecular Dynamic Simulations that employed realistic Embedded Atom Methods potentials [20] . Both two-dimensional (2D) triangular lattices and three-dimensional (3D) fcc lattices were investigated. The measured mode 11 results were within 10% of Rice's predictions for all the materials investigated. The mode I results in 3D were in disagreement with Rice's approximate mode I analysis for dislocation emission. Surface stress corrections to Rice's approximate analysis were able to accurately predict the mode I simulation results for the critical Kr for all the fcc materials which we investigated.
The physical properties of fcc solids, such as gold, nickel or copper, are reasonably well described by existing EAM potentials. Moreover, this crystalline structure provides a substantial number of slip systems available for dislocation emission and motion. In fcc crystals the most important slip system is along a partial Shockley route, owing to the, relatively small value of the unstable stacking energy. Here, we summarize the results of 3D simulations of dislocation emission from a crack tip for the fcc solids: copper, silver, gold, nickel, palladium and platinum. The simulations were focused on verifying the accuracy of the dislocation nucleation criterion of Rice [ 181 and investing the magnitude of effects on the emission process due to surface stress.
The following set of physical properties of the fcc solids was computed: 0 0 the elastic constants Cll, C12 and C4 in the coordinate system with axes parallel to the cube axes, the surface stress in the { 11 1 }-plane,&,,, the unstable stacking energy along a Shockley partial route, r,,, the stacking fault energy, 7,
The results are summarized in Table 2 . A crack was introduced into the solid by cutting interatomic bonds between two consecutive { 11 1 } planes located at z,=(N)2-1) d,,, and z2=N)2 d,,,. The length of the crack was always equal to I, /2. The crack front was oriented along <110> direction, with the crack plane with normal in { 11 1 } direction. The bonds broken in the process of creating the crack were not allowed to reform during the entire simulation. The sample was subdivided into three distinct regions, interior, boundary, and crack surfaces.
The interior atoms were entirely free to move and to minimize the energy of the crystal. The boundary atoms (blue circles in Figure 9) had their x and z coordinates fixed, with no restraints placed on their y locations. They were placed in the positions corresponding to the plane strain linear elastic displacement field for a cracked anisotropic solid. The boundary atoms were supplied with the electron density contributions from missing atoms to simulate atoms located in a bulk crystal. While the interior atoms were free to move in all three directions, periodic boundary conditions were employed in the y direction such that uy(x,y,z)=u,(x,y+d, z ) where dr=Ny d,,, is the lattice repeat distance parallel to the y-axis. Sample configuration for Nx=20, Ny=3 and Nz=24. Yellow circles represent atoms at crack surfaces, blue circles correspond to atoms located at boundary. Sieradzki and Cammarata [19] suggested that to account for surface stress effects , a correction term of orderfe, (wherefis the value of surface stress and e is the strain in the segment of a free surface at the tip) should be added to y, in the emission criterion of Rice [18] .. Our simulations were aimed at testing this general idea. We measured the critical value of the stress intensity factor for dislocation emission in mode I, K; , and pure mode 11, KI; . The mode I results of the simulations are presented in Table 2 , where K; is the critical value of KI measured for dislocation emission, Kp"" is the value of critical KI predicted by Rice's criterion, and elll is the value of strain measured in the { 11 1 } segment at the tip. In mode I, we did not observe a significant departure from the dislocation emission scenario assumed in continuum models, except that the dislocation became unstable when the relative shear displacement of atoms at the crack surface was less then b/2 (b is the magnitude of Burgers vector for a fully formed dislocation). The crack tip region just prior to emission for gold is shown in Figure 10 . There was only one mechanism of dislocation nucleation observed in mode I, i.e., the emission of a single Shockley partial dislocation on an inclined slip plane. The vicinity of the crack tip just following emission is shown in Figure 11 .
As described above Rice defined an effective mode 11 stress intensity for Mode I loading as KIIfl=KIcos2(t/2) sin(t/2), and assumed that a dislocation would be emitted in mode I when KI;ff equaled the value of the stress intensity for dislocation emission in pure mode 11, i.e., KI;ff/ KI;= 1. We calculated the values of this ratio on the basis of our 3D simulations. The results are presented in Table 4 , where C, and C, are the first and second order surface stress correction terms [19] in mode I, and are defineci'by, Cl=(l+f,,le,l,/y~)1/2, and C2=(l+f,,,ell,lyw+fll, elIl2/2 ')I \1/2 As demonstrated by the results in Table 4 , introduction of the first order correction term, C,, greatly improves the agreement between the continuum predictions and simulations for all materials with the exception of Pt . Changes due to higher order effects in strain are not large, but bring the Rice model values closer to the ones measured.
There are a number of reasons why the modified Rice model fails to predict the critical value of the stress intensity factor in mode I accurately. The original Rice treatment of the emission process on an inclined slip plane does not take into account the creation of a ledge left at a surface, when a dislocation nucleates [ 181. From a continuum viewpoint, the effects of a ledge on an incipient dislocation in the vicinity of a stressed crack tip can be viewed as a line force acting on the incipient dislocation. In general, the ledge creation energy contains two terms, one accounting for broken bonds, and one accounting for the deformation of the crack surface where the ledge emerges. In our simulations the bond breaking effects are not present, since the number of bonds prior and after the dislocation emission remains unchanged. Still, some ledge creation energy due to surface stress is present, and this is an important factor affecting the K; values. 
